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1 .  INTRODUCTION 


A  systematic  Investigation  Is  being  conducted  of  the  effects  of  metallic 
rare-earth  (RE)  additions  on  the  microstructure  and  properties  of  Ti  alloys* 

In  the  first  two  years  of  this  contract,  the  objective  was  to  improve  the 
high-temperature  formabillty  of  T1-6A1-4V,  and  it  was  determined  that 
additions  of  0.1  wt2  Er  or  0.05  wt2  Y  (1)  improve  the  yield  during  initial 
forging  of  T1-6A1-4V  ingots,  (2)  reduce  the  high-temperature  flow  stress,  (3) 
control  grain  size  at  8-processing  temperatures,  and  (4)  have  no  significant 
effect  on  yield  strength  and  fracture  toughness  of  a-8  processed  alloy 
(References  1-3) . 

The  Widmanstatten  microstructure  of  conventionally  processed  T1-6A1-4V 
obscures  the  pronounced  effects  observed  when  rare-earths  are  added  to  a-Tl, 
and  consequently,  the  research  was  shifted  to  a-rlch  and  single-phase  a 
alloys.  Specifically,  rare-earth-modlfled  T3L-8A1  and  Ti-lOAl,  which  have  low 
density,  high  elastic  modulus,  high  tensile  strength,  and  high  creep- 
resistance  at  400-700°C,  were  investigated. 

In  titanium-aluminum  alloys  with  aluminum  concentrations  between  10  and 
20  at. 2,  the  ordered  and  coherent  02  phase  (based  on  the  composition  TI3AI  and 
having  an  ordered  DO29  lattice  structure)  is  precipitated  upon  aging  (Figure 
1)  (References  4  and  5).  Precipitation  strengthening  in  these  alloys  is 
generally  accompanied  by  a  significant  loss  of  ductility,  which  has  been 
attributed  to  the  formation  of  coarse  planar-slip  bands  leading  to  stress 
concentrations  at  grain  boundaries  and  slip-band  intersections  in  the  early 
stages  of  deformation.  Plastic  deformation  in  this  type  of  alloy  occurs  by 
the  shearing  of  02  precipitates  by  glide  dislocations  (References  6-8) . 
However,  the  room-  and  elevated-temperature  deformation  behavior  of  this  class 
of  alloys  and  the  possibility  of  improving  the  room-temperature  ductility  of 
the  alloys  have  not  been  studied  systematically. 

The  possibility  of  improving  the  room-temperature  ductility  of  an  c^- 
precipitatlon-strengthened  Ti-Al  alloy  by  grain  refinement  has  been 
demonstrated  previously  (Reference  9) .  A  significant  Improvement  in  strength 
and  ductility  was  observed  in  the  alloy  when  the  grain  size  was  decreased  from 
90  urn  to  9  um  (Figure  2) .  The  increased  strength  results  from  the  Hall-Petch 
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Figure  1.  Phase  diagram  of  the  titanium-aluminum  system. 


grain-size  dependence  of  flow  stress.  The  improved  ductility  in  fine-grained 
alloy  results  from  a  fine,  homogeneous  slip  devoid  of  excessive  localized 
stress-concentration  sites  (Figures  3  and  4). 

Previous  investigations  at  MDRL  on  the  effects  of  rare-earth  additions  to 
pure  titanium  (References  10  and  11)  have  shown  that  the  addition  of  small 
amounts  of  Er  and  Y  to  titanium  results  in  a  uniform  dispersion  of  fine 
20-50  nm  dlam  particles  in  the  metal  matrix.  The  presence  of  such  fine 
dispersolds  results  in  a  significant  grain  refinement  and  grain-growth 
retardation  at  elevated  temperatures.  These  results  demonstrate  the  potential 
beneficial  effects  of  rare-earth  additions  to  o^-precipitation-strengthened 
Ti-Al  alloys  because  both  small  grain  size  and  the  presence  of  fine 
dispersolds  result  in  an  increase  in  flow  stress  and  are  conducive  to  slip 
modification  from  coarse,  planar  slip  to  fine,  uniformly  dispersed  slip.  The 
dispersolds  can  act  also  as  dislocation  sources  in  a  source-poor  material. 

For  the  fourth  phase  of  this  research  program,  the  objectives  were  to: 

(1)  determine  the  influence  of  rare-earth  dispersolds  on  recrystallization 
and  grain-growth  behavior  in  Ti-Al -RE  alloys. 
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Figure  3.  (a)  Slip  distribution  and  <b)  fracture  mode 
in  TI-8AI  with  9-^m  grain  <il n. 
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Figure  4.  (a)  Slip  distribution  and  (b)  fracture  mode 
In  TI-8AI  with  90-ftm  grain  size. 


(2)  determine  the  Influence  of  rare-earth  dlspersolds  on  room-temperature 
and  elevated-temperature  tensile  properties  of  Ti-Al-RE  alloys, 

(3)  determine  the  modification  in  slip  behavior  resulting  from  the 
combinations  of  rare-earth  dlspersolds  and  heat  treatments, 

(4)  determine  the  hlgh-temperature  creep  characteristics  of  Ti-Al-RE 
alloys, 

(5)  determine  the  room-  and  elevated-temperature,  low-cycle  fatigue 
characteristics  of  Ti-Al-RE  alloys, 

(6)  determine  the  room-temperature  fracture  toughness  of  Ti-Al-RE  alloys, 
and 

(7)  analyze  the  combined  effects  of  02  precipitates  and  rare-earth 
dlspersolds  on  the  strength,  ductility,  and  fracture  toughness  of  Ti- 
A1  alloys  on  the  basis  of  microscopic  mechanisms* 

Figure  5  is  an  outline  of  the  research  on  the  effects  of  rare-earth 
additions  on  the  microstructure  and  mechanical  properties  of  T1-8A1  and  T i- 
10A1  alloys* 


(Ipn  5.  Oattbw  of  risearcb  oo  (be  effects  of  yttrtaai  awl  erMaw  addMoas  oa  the 
aOcroetractare  aad  wertnalwl  properties  of  TI4AI  aad  T1-10A1  wMojt. 
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2.  ALLOY  PREPARATION  AND  PROCESSING 


For  preliminary  assessment  of  the  microstructural  and  mechanical-property 
changes  effected  by  the  addition  of  Er  and  Y,  0.25-kg  button  ingots  of  the 
alloy  compositions  shown  in  Table  1  were  prepared  by  vacuum  arc  melting  the 
alloys  in  a  water-chilled  copper  hearth*  Each  button  was  prepared  from  a 
mixture  of  T1-50A  grade  titanium,  high-purity  aluminum,  and  T1-25Y  and  Ti-25Er 
master  alloys*  The  button  ingots  were  hot  rolled  to  3. 5-tan  sheets*  The  Ti- 
8A1-1.5Y,  T1-10A1-1.5Y,  and  Ti-10Al-2.0Er  alloys  cracked  severely  during 
rolling  and  could  not  be  rolled  to  3*5-mm  sheets* 

The  alloy  compositions  shown  in  Table  2  were  prepared  at  TIMET  by 
consumable-electrode  arc-melting  4.5-kg  ingots  in  a  purified  dry-argon 
atmosphere  using  T1-50A  grade  titanium,  high-purity  aluminum,  and  T1-25Y  and 
Ti-25Er  master  alloys*  The  ingots  were  forged  and  rolled  at  1100°C  to  12.5-mm 
plates,  from  which  specimen  blanks  for  fracture  toughness  determinations  were 
cut.  The  12.5-mm  plates  were  then  hot  rolled  at  850°C  to  6-mm  and  3-mm 
plates.  Attempts  to  roll  the  alloys  at  a  lower  temperature  to  obtain  heavily 
worked,  unrecrystallized  microstructures  resulted  in  severe  edge  cracking  of 
the  alloys.  Chemical  analyses  of  samples  taken  from  the  ingots  were  performed 
by  TIMET  and  revealed  lower  Er  and  Y  concentrations  than  the  aim  chemistry 
(Table  2). 


TABLE  1.  COMPOSITIONS  OF  TiBAl-RE  AND 
Ti-10A1-RE  0.25-kg  BUTTON  INGOTS. 


Ti-8AI 

TI-8AI-0.05Y 

Ti-8A1-0.10Y 

Ti-8AI-0.50Y 

Th8AM.00Y 

Ti-SAI-0.2Er 

Ti-8AM.0Er 

Ti-8AI-2.0Er 


Ti-TOAI 

Ti-10AI-0.05Y 

Ti-IOAI-O.IOY 

TM0AI-O.5OY 

Tt-IOAI-I.OOY 

Ti-10AI-0.2Er 

Ti-IOAI-I.OEr 

Ti-10AI-2.0Er 
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TABLE  2.  COMPOSITIONS  AND  CHEMICAL  ANALYSES  OF  1V8A1-RE  AND 
1V10A1-RE  5 -kg  INGOTS. 


Alloy 
boot  no. 

Nominal 
com  portion 

Cunowitmlon  (wt%) 

Al 

Fo 

N 

o 

Y 

Er 

VS618 

Ti-8AI 

7.7 

0.068 

0.004 

0.12 

- 

- 

VS619 

Tt-8AI-0.10Y 

8.4 

0.048 

0.003 

0.12 

0.062 

- 

V5620 

Th8AI-0.20Er 

8.1 

0.064 

0.003 

0.094 

- 

0.13 

VB621 

Ti-8AM).06Y 

8.6 

0.06 

0.006 

0.11 

0.022 

- 

VS622 

THOAI 

10.2 

0.064 

0.004 

0.11 

- 

- 

V6623 

TM0AI-0.10Y 

10.4 

0.048 

0.006 

0.16 

0.067 

- 

VS624 

Ti-10AI-0.20Er 

10.4 

0.06 

0.006 

0.14 

- 

0.15 

V6625 

Ti-10AI-0.06Y 

10.6 

0.063 

0.004 

0.12 

0.029 

- 

0.1  s 


3.  MICRO STRUCTURAL  CHARACTERIZATIONS 


3.1  Microstructures  of  Hot-Rolled  T1-8A1-RE  and  Ti-IOAl-RE  Alloys 

The  rolled  6-mm  and  12.5-mm  alloy  sheets  had  heavily  worked,  partially 
recrystallized  grain  structures,  whereas  the  3-mm  sheets  had  fully 
recrystallized  grains  of  20  pm  diameter.  There  were  no  significant 
differences  between  the  as-rolled  microstructures  of  the  control  and  Y-  and 
Er-containing  alloys. 

Figures  6  and  7  are  thin-foil  electron  micrographs  showing  the 
dislocation  substructures  and  dispersoids  in  the  hot-rolled  T1-8A1-RE  and 
Ti-IOAl-RE  alloys.  The  dispersoids  in  the  Y-  and  Er-containing  alloys  are 
spherical,  50-200  nm  in  diameter,  and  incoherent  with  the  matrix  (Figures  6b, 
6c,  and  7b).  Foils  prepared  from  several  alloys  revealed  that  the  density  of 
dispersoids  varied  considerably  within  each  alloy,  and  in  some  foils  few 
dispersoids  could  be  seen.  The  density  of  dispersoids  in  the  thin  foils  was 
much  lower  than  expected  from  the  nominal  rare-earth  concentrations  in  the 
alloys.  This  result  could  be  due  to  leaching  of  the  dispersoids  during 
electrolytic  thinning  of  the  foils  or  inhomogeneous  mixing  of  the  rare-earth 
additives  during  melting.  In  contrast  with  the  fine  dispersoids  in  the  alloys 
containing  less  than  0.1  wtZ  Y  or  0.2  wtZ  Er,  the  alloys  containing  higher  Y 
and  Er  concentrations  had  numerous,  coarse,  1-5  pm  diameter,  Y-rich  and  Er- 
rich  particles.  Figures  8-10  are  scanning  electron  micrographs  and  x-ray 
spectra  of  the  dispersoids  observed  in  the  alloys  with  high  rare-earth 
concentrations. 
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Figure  7.  Transmission  electron  micrographs  of  hot-rolled 
(a)  Ti-IOAI  and  (b)  Ti-lOAl-O.lY  alloys. 


QP03-0*54-17 

Figure  6.  Trans  minion  electron  micrograph!  of 
hot-rolled  (a)  H-tAI,  (b)  TI-SA1-0.1Y,  and 
(c)  T1-*Al-0.2Er. 
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Figure  S.  Scanning  electron  micrographs  of  Er  dispersolds 
in  Ti-SAI-I.OEr  alloy:  (a)  and  (b)  secondary  electron  Images 
of  diipersoids,  and  (c)  x-ray  spectrum  of  the  specimen. 


Figure  9.  Scanning  electron  micrographs  of  Ti-10AI-1.5Y 
alloy:  (a)  and  (b)  secondary  electron  images  of  dispersoids, 
and  (c)  x-ray  spectrum  of  the  specimen. 


Figure  10.  Scanning  electron  micrographs  of  Ti-10Al-2.0Er 
alloy:  (a)  and  (b)  secondary  electron  images  of  dispersoids, 
and  (c)  x-ray  spectrum  of  the  specimen. 
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3.2  Recrystallization  and  Grain-Growth  of  T1-8A1-RE  and  Ti-lQAl-RE  Alloys 

The  hot-rolled  T1-8A1-RE  and  Ti-lOAl-RE  alloys  were  annealed  at  890°, 

920°,  950°,  and  980°C  and  air  cooled  to  room  temperature  to  determine  their 
recrystallization  and  grain-growth  behavior.  The  grain  sizes  resulting  from 
the  different  annealing  treatments  are  shown  in  Table  3.  For  short,  10— min 
anneals  at  890°,  920°,  and  950°C,  the  grain  size  is  unaffected  by  Er  and  Y, 
but  for  longer  times,  the  rare-earth-contalnlng  alloys  have  smaller  grain 
sizes  than  the  control  alloys.  The  grain  refinement  in  Er-  and  Y-contalning 
alloys  results  from  an  increased  frequency  of  recrystallization  nuclei  and 
decreased  rates  of  recrystallization  and  grain  growth.  The  extent  of  grain 
refinement  caused  by  each  process  depends  on  both  the  size  and  spacing  of  the 
second-phase  particles;  coarse  (>  1  pm  dlam)  particles  Increase  the 
recrystallization  nucleation  frequency,  and  fine  particles  with  an 
Interparticle  spacing  less  than  1  pm  retard  recrystalllzatlon  and  Inhibit 
grain  growth.  The  grain  refinement  effected  by  Er  and  Y  additions  Is  significantly 
less  in  T1-8A1  and  T1-10A1  alloys  than  In  pure  Ti  (References  10  and  11). 


TABLE  3.  EFFECTS  OF  ANNEALING  TREATMENTS  ON  RECRYSTALLIZED 
GRAIN  SIZE  IN  TL8ALRE  AND  TH6AI-RE  ALLOYS. 


ItaniMlMyeiatai 

(|im1 

^ _ 

Anwllm 

trwtviMnt* 

\ 

8 

| 

J- 

| 

5 

* 

H* 

l 

i 

ii 

i 

5 

J. 

H 

§ 

1 

1- 

T 

$ 

i 

p 

Al  rolled 

26.7 

23.0 

19.8 

19.5 

30.3 

2X4 

23.7 

26.1 

890°  C/10  min/ AC 

12.6 

- 

15.4 

- 

- 

- 

- 

- 

920°C/10  min/ AC 

16.4 

- 

15.4 

- 

- 

- 

- 

- 

960°C/S  min/AC 

16.6 

- 

16.2 

- 

- 

- 

- 

- 

900°C/1  h/AC 

27.0 

22.9 

20.6 

20.9 

22.0 

18.4 

16.6 

- 

960°C/10  min/AC 

24.0 

23.9 

24.3 

23.9 

- 

- 

- 

- 

9S0°C/10  min/AC 
BOO°C/24  h/AC 

31.9 

26.2 

ias 

23.2 

- 

- 

- 

- 

960°C/6  min/AC 

26.9 

23.9 

22.1 

24.3 

22.6 

17.7 

16.1 

16.0 

9S0°C/20  min/AC 

28.2 

- 

30.9 

- 

- 

- 

- 

- 

980°C/10  min/AC 
67S°C/24  h/AC 

41.3 

30.5 

24.9 

26.8 

- 

- 

- 

- 

990°C/1  h/AC 

46.2 

38.4 

34.3 

39.4 

46.0 

29.3 

32.0 

28.4 

9BO°C/8  h/AC 

44.1 

- 

28.2 

2B.6 

- 

- 

- 

- 

•AC  *  »if  cooltd 
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3.3  Precipitation  Behavior  of  T1-8A1-RE  and  Ti-lOAl-RE  Alloys 

To  obtain  variations  in  sizes  and  volume  fractions  of  o^-phase 
precipitate  particles  in  the  a-titanlum  matrix,  precipitation  anneals  were 
performed  at  750°C  for  24  h  and  600°C  for  500  h  for  Ti-lOAl-RE  alloys  quenched 
from  980°C  and  at  675°C  for  24  h  and  600°C  for  500  h  for  T1-8A1-RE  alloys 
quenched  from  950°C.  Quenching  from  950°  and  980°C  results  in  single-phase  a 
as  evidenced  by  an  o-phase  diffraction  pattern  without  any  (^-precipitate 
reflections.  Upon  aging  the  alloys  at  600°C  for  500  h,  the  o^-phase 
precipitates  homogeneously  in  the  form  of  elongated  ellipsoids  with  their  long 
directions  parallel  to  the  c-axis  of  the  hexagonal  matrix  (Figures  11-13). 

The  precipitate  reflections  are  marked  S  in  the  selected  area  diffraction 
pattern  shown  in  Figure  lib.  The  precipitates  formed  at  600°C  are  coherent 
with  the  matrix  and  are  5-10  nm  in  diameter  as  measured  on  the  basal  plane. 

The  T  and  Er  additives  have  no  effect  on  02  precipitation  at  600°C.  Upon 
aging  the  alloys  at  675°C,  however,  the  T1-8A1-0.05Y  has  a  single-phase  a 
microstructure  (Figure  14b),  in  contrast  to  the  two-phase  a  + 
microstructure  of  T1-8A1  and  Ti-8Al-0.2Er  alloys  (Figures  14a  and  14c).  The  Y 
additions  lower  the  a  to  a  +  a2  transition  temperature.  The  T1-8A1-RE  alloys 
aged  at  750°C  have  single-phase  a  microstructures  as  shown  in  transmission 
electron  micrographs  and  corresponding  selected  area  diffraction  patterns  in 
Figure  15.  The  Ti-lOAl-RE  alloys  aged  at  750°C  have  two-phase  a  +  «2 
microstructures  (Figure  16). 
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Figure  12.  Transmission  electron  micrographs  of  a  5 
precipitates  in  (a)  Ti-8A1.  (b)  Ti-8AI-0.1Y,  and 
(c)  Ti-8Al-0.2Er  aged  at  600°C  for  500  h  and  air 
cooled  to  2S°C. 


GP03W54-24 


Figure  13.  Transmission  electron  micrographs  of 
(a)  Ti-IOAI  and  (b)  Ti-IOAI-O.IY  aged  at  600°C 
for  500  h  and  air  cooled  to  25°C. 


GP03-0V54-25 


Figure  14.  Transmission  electron  micrographs  of 
(a)  Ti-8AI.  (b)  Ti-8AI-0.05Y,  and  (c)  Ti-8AI-0.2Er 
aged  at  675°C  for  24  h  and  air  cooled  to  25°C. 


1  pm 

GP03  0954  26 

Figure  15.  Transmission  electron  micrographs  of  (a)  Ti-8A1, 

(b)  Ti-8A1-0.1Y,  and  (cl  Ti-8A.l-0.lKi  aged  at  750°C  for  11  h 
and  air  cooled  to  25°C. 


OP03-0954-27 

Figure  16.  Transmission  electron  micrographs  of  (a)Ti-lOAI. 
(b)  Ti-lOAl-O.lEr,  and  <c)  Ti-10AI-0.2Er  aged  at  750°C 
for  21  h  and  air  cooled  to  25°C. 


4.  TENSILE  PROPERTIES  OF  T1-8A1-RE  AND  Ti-LOAl-RE  ALLOYS 


The  room-temperature  tensile  properties  of  Ti-8A1-RE  and  Ti-lOAl-RE 
alloys  with  different  combinations  of  grain  size  and  a2  precipitate  density 
are  listed  in  Tables  4-7  and  shown  in  Figures  17-21.  The  effects  on  0.2% 
yield  stress  of  grain  size  and  aging  treatments  indicate  that  both  the  unaged 
and  aged  alloys  exhibit  a  Hall-Petch  dependence  of  yield  stress  on  grain 
size.  The  yield  stress  increases  with  increasing  volume  fraction  of  <*2 
precipitates,  and  grain  size  strengthening  (An  )  and  precipitation 

g*  8 

strengthening  (Aa  )  are  linearly  additive.  The  additive  behavior  of  Aa 

<*2  o 

and  Aoa^  indicates  that  the  deformation  is  transmitted  from  grain  to  grain  by 
a  simple  Hall-Petch  type  mechanism  in  which  dislocations  pile  up  against  the 
grain  boundaries,  and  the  resultant  stress  concentrations  ahead  of  these  pile- 
ups  nucleate  dislocation  sources  in  the  vicinity  of  grain  boundaries  in  the 
neighboring  grains.  TEM  observations  of  the  shearing  of  the  a2  precipitates 
by  glide  dislocations  and  the  resulting  formation  of  narrow  planar  slip  bands 
support  such  a  hypothesis. 


The  results  in  Table  4  indicate  that  no  significant  dispersion 
strengthening  occurs  in  Y-  and  Er-containing  T1-8A1  alloys.  The  yield  stress 
in  aged  T1-8A1-RE  alloys  containing  <*2  precipitates  is  governed  by  some  form 
•'  n jperposition  of  the  matrix  flow  stress,  precipitation  strengthening  from 
a2  precipitates,  and  dispersion  strengthening  from  the  rare-earth 
dispersoids.  The  matrix  flow-stress  of  single-phase  T1-8A1  alloys  i-.  »  b00 
MPa,  and  the  precipitation  strengthening  contribution  for  the  alloy?  aged  at 
600°C  for  500  h  is  *  40  MPa.  The  dispersion  strengthening  contribution  is 
given  by 


T 


1.13  Gb 


2xL 


(l) 


where  G  is  the  shear  modulus  of  the  matrix,  b  is  the  Burgers  vector  of  the 
dislocation,  L  is  the  lnterpartlcle  spacing,  x  is  the  mean  particle  size,  and 
rQ  is  the  inner  cut-off  radius,  which  is  considered  equal  to  4b.  Equation  (1) 
is  the  geometric  mean  of  the  bypassing  stresses  for  edge  and  screw 
dislocations,  and  it  includes  a  statistical  factor  of  0.85  that  relates  the 
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macroscopic  flow  stress  to  the  local  Orowan  stress.  A  value  of  0.35  for  the 
Poisson  ratio  of  Ti-8A1  alloys  was  used  in  deriving  equation  (1).  The  mean 
planar  center-to-center  spacing  between  the  dispersolds,  Lc,  was  calculated 
from  the  number  of  particles,  N,  in  a  unit  area  of  the  slip  plane  using  the 
relation  Lc  *  (N)“^2.  The  mean  planar  interparticle  spacing,  L,  is  then  the 
difference  between  Lc  and  the  mean  particle  size,  x. 

For  L  «  2.5  pm  and  x  *  100  nm  (typical  values  observed  in  the  T1-8A1-RE 
alloys),  the  flow-stress  increase  attributable  to  the  dispers oids  in 
polycrystalline  T1-8A1  alloys  is  •  7-20  MPa.  The  dispersion  strengthening  is 
offset  to  some  extent  by  the  softening  of  the  T1-8A1  matrix  caused  by  the 
scavenging  of  the  interstitial  oxygen  by  rare-earths  and  consequent  reduction 
in  the  interstitial  oxygen  concentration.  Thus,  the  dispersion  strengthening 
contribution  is  small  compared  with  matrix-flow-stress  and  precipitation 
strengthening. 

A  striking  effect  of  the  Er  and  Y  dispersolds  is  a  dramatic  increase  in 
ductility  of  both  single-phase  and  c^-precipitate-containing  T1-8A1  alloys 
(Figures  17-21).  This  increased  ductility  results  from  dispersal  and 
homogenization  of  planar  slip  by  the  dispersolds.  The  inconsistencies 
observed  in  the  effects  of  dispersolds  on  the  ductility  values  (Figures  17-21) 
are  believed  to  be  due  to  variations  in  the  rare-earth  concentration  from 
region  to  region  in  a  single  alloy  plate.  The  absence  of  rare-earth  effects 
on  the  ductility  of  alloys  containing  high  rare-earth  concentrations  is  due  to 
the  ineffectiveness  of  coarse  particles  in  modifying  the  coarse  planar  slip. 

The  temperature  dependences  of  the  strength  and  ductility  of  T1-8A1-RE 
and  Ti-lOAl-RE  alloys  at  25°,  350°,  450°,  550°,  and  600°C  are  shown  in  Table 
8.  The  0.2%  yield  stress  and  ultimate  tensile  strength  decrease  with 
Increasing  temperature,  and  the  total  elongation  increases.  The  high- 
temperature  mechanical  properties  are  not  significantly  altered  by  Er  and  Y 
additions. 
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TABLE  4.  ROOM-TEMPERATURE  TENSILE  PROPERTIES  OF  Ti-SAI-RE  ALLOTS. 


19 


TABLE  6.  ROOM-TKMPERATIRK  TENSILE  PROPERTIES  OF 
Ti-IOAI-RF  ALLOYS*. 


Ultimate  tensile  stress 
IMPel 

_ A _ 

Total  elongation 
(XI 

_ A _ 

Heat 

treatment 

Ti-IOAI 

> 

8 

9 

< 

o 

P 

>• 

o 

1 

P 

Ti-10AI-0.2Er^ 

t - 

< 

o 

P 

> 

16 

2 

2 

P 

> 

9 

< 

o 

*■* 

P 

fee  ' 

til 

N 

9 

< 

o 

P 

980° C/5  min;  air  cool  to  25°C 

796 

887 

882 

900 

0.7 

1.0 

0.9 

1.4 

980° C/ 5  min;  air  cool  to  25°C 
750°C/24  h;  air  cool  to  25°C 

801 

919 

876 

757 

0.7 

0.8 

0.6 

0.5 

980°C/5  min;  air  cool  to  25°C 
600°C/500  h;  air  cool  to  25°C 

927 

827 

731 

731 

0.5 

0.5 

0.3 

0.5 

1000°C/4  h;  air  cool  to  25°C 

716 

798 

770 

730 

0.5 

0.7 

0.5 

0.5 

1000°C/4  h;  air  cool  to  25°C 
600°C/500  h;  air  cool  to  25°C 

597 

693 

563 

610 

0.5 

0.5 

0.4 

0.4 

*  The  0.2%  ofismt  yield  stress  end  uniform  elongation  are  not  reported 
because  all  specimens  fractured  without  significant  plastic  deformation. 


TABLE  7.  ROOM-TEMPERATURE  TENSILE 
PROPERTIES  OF  HOT-ROLLED  Ti-IOAI  WITH  HIGH  Y 
AND  Er  CONCENTRATIONS. 


Alloy 

Yield  s trees  at 
0.2X  offset 
(MPal 

intimate  tensile 
stress 
(MPal 

Uniform 

elongation 

(X) 

Tout 

elongation 

(XI 

Ti-IOAI 

741 

849 

2.7 

3.9 

Ti-IOAI  0. 5Y 

689 

838 

2.2 

2.4 

Ti-IOAI-I.OEr 

669 

809 

1.4 

1.7 

oposoesaa 
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Figure  17.  Room-temperature  tensile  properties  of 
Ti-8AI  rare-earth  alloys  annealed  at  9S0°C  for 
10  min  and  air  cooled. 


Figure  18.  Room-temperature  tensile  properties  of 
Ti-8Ai/rare-earth  alloys  annealed  at  980°C  for 
8  h  and  air  cooled. 


Figure  19.  Room-temperature  tensile  properties  of 
Ti-8Ai/ rare-earth  alloys  annealed  at  950°C  for 
10  min  and  aged  at  600°C  for  500  h. 
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Figure  20.  Room-temperature  tensile  properties  of 
Ti-8Al/rare-earth  alloys  annealed  at  980°C  for 
10  min  and  aged  at  675°C  for  24  h. 


Figure  21.  Room-temperature  tensile  properties  of 
Ti-8Al/rare-earth  alloys  annealed  at  980°C  for 
8h  and  aged  at600°C  for  500 h. 
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5.  FRACTURE  MORPHOLOGIES  AND  DEFORMATION  SUBSTRUCTURES  OF  T1-8A1-RE 
AND  Ti-lOAl-RE  ALLOYS 

The  fracture  surfaces  of  T1-8A1-RE  alloys  deformed  at  25°C  after 
annealing  at  980°C  for  8  h  and  air-cooling  to  2S°C  consist  of  dimples  formed 
by  nucleation,  growth,  and  coalescence  of  microvoids  (Figure  22).  In  T1-8A1- 
RE  alloys,  fracture  initiates  at  particle-matrix  Interfaces,  resulting  in  a 
higher  microvoid  density  and  smaller  dimple  size  than  in  T1-8A1  without  rare- 
earths  (Figure  22b). 

The  T1-8A1  alloys  without  rare  earths  but  containing  precipitates 
fracture  by  cleavage  as  evidenced  by  transgranular  facets  on  the  fracture 
surfaces  (Figure  23a).  The  inhomogeneous,  coarse  slip  caused  by  the  shearing 
of  0£  precipitates  by  glide  dislocations  promotes  cleavage  fracture.  In  the 
rare-earth-containing  alloys,  however,  the  dispersolds  disperse  the  planar 
slip,  reduce  the  lnhomogenelty  of  slip,  and  promote  microvoid  nucleation;  thus 
fracture  occurs  by  mixed  dimple  fracture  and  cleavage  in  the  T1-8A1-RE  alloys 
(Figure  23b).  The  observation  of  dimple  fracture  in  Y-  and  Er-containing  Ti- 
8A1  is  consistent  with  the  higher  ductility  of  these  alloys.  The  fracture 
surfaces  of  alloys  aged  at  675°C  for  24  h  have  mixed  dimple  and  cleavage 
fracture  because  of  a  lower  volume-fraction  of  a2  precipitates  (Figure  23). 

The  Ti-IOAl-RE  alloys  exhibit  predominantly  cleavage  fracture  (Figure  24). 

The  deformation  substructures  in  differently  heat-treated  T1-8A1-RE 
alloys  are  shown  in  Figures  25-28.  Figure  25a  shows  the  slip  character  of  Tl- 
8A1  containing  precipitates  produced  by  aging  the  alloy  at  600°C.  The 
dislocation  density  is  low,  and  the  dislocations  are  confined  to  narrow  planar 
slip  bands  because  of  shearing  of  the  coherent  ctj  particle  by  glide 
dislocations.  The  slip  bands  are  devoid  of  particles,  indicating  that 

these  particles  are  destroyed  in  the  slip  bands  by  successive  movements  of  the 
dislocations.  In  the  Y-  and  Er-containing  alloys,  the  substructure  consists 
of  a  high  density  of  relatively  homogeneously  distributed  dislocations 
(Figures  25  and  26),  indicating  profuse  cross  slip  in  these  alloys.  The 
tendency  for  planar  slip  is  significantly  reduced  by  the  rare-earth 
dispersolds,  and  stress  build-up  in  slip  bands  is  relieved  (as  shown  at  S  in 
Figure  26b) . 
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As  seen  from  Figures  25-28,  the  dispersoids  homogenize  the  slip  and 
refine  the  substructure  formed  during  deformation.  The  dispersed  phase 
modifies  the  slip  behavior  by  providing  dislocation  sources  and  barriers  to 
dislocation  motion.  Dislocations  can  overcome  the  dispersed-phase  particles 
by  the  Orowan  bypass  and  Hirsch  cross-slip  mechanisms,  which  result  in  greater 
densities  of  localized  channels  of  dislocations  during  the  initial  stages  of 
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Figure  22.  Fractographs  of  («)  Ti-8A1  and  (b)  Ti-8AJ-0.1  Y 
illoya  tested  in  tension  at  2S°C  after  annealing  at  980°C 
for  8  h  and  air  cooling  to  2 S°C. 


Figure  23.  Fractographs  of  (a)  TiSAJ  and  (6)  Tt-SAJ-O.  I Y 
alloys  tested  in  tension  at  25°C  after  annealing  at  980°C 
for  8  h,  air  cooling  to  25°C,  aging  at  675°C  for  24  h, 
and  air  cooling  to  25°C. 
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Figure  26.  DWocatloa  »ab*tr*ctnies  la  (a)  TI-OAl  (grata 
«Ut  -  44  /tm  and  (b)  TI-iAI-0.1Y  (grain  six*  -  2*  pm)  alloy* 
deformed  In  tension  at  25*C  after  annealing  at  900'C  for 
(  h,  air  cooling  to  25'C,  aging  at  600‘C  for  900  b,  and 
air  cooling  to  25'C. 
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Figure  27.  Dislocation  substructures  in  (a)  Ti-SAJ  (grain  size  =  41  p  m).  and  (b),  (c),  and 
(d)  Ti-8Al-0.2Er  (grain  size  =  26  urn)  deformed  in  tension  at  2S°C  after  annealing  at  980°C 
for  10  min,  air  cooling  at  25°C,  aging  at  675°C  for  24  h,  and  air  cooling  to  25°C. 
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Figure  it.  Dislocation  substructures  In  (a,  b)  T1-*AI  (grain  sin  -  41  fitn)  inn  d)  TI-8AI-0.1Y 
(grain  site  -  25  fun)  deformed  In  tension  nt  25'C  nfter  nnnenltng  nt  980‘C  for  10  min,  nir 
cooling  to  25*C,  aging  at  675*C  for  24  b,  and  air  cooling  to  25*C. 


6.  CREEP  DEFORMATION  OF  T1-8A1-RE  AND  Ti-lOAl-RE  ALLOYS 


The  steady-state  creep  rates,  stress  exponents,  and  apparent  activation 
energies  for  creep  of  single-phase  and  c^-precipltation-strengthened  T1-8A1 
and  T1-I0A1  alloys  were  determined  at  400-650°C.  An  increasing  A1 
concentration  and  increasing  volume-fraction  of  precipitates  decrease  the 
creep  rates  as  shown  in  Figures  29  and  30,  The  stress  dependence  of  the 
steady-state  creep  rate  of  single-phase  T1-8A1  and  Ti-iOAl  alloys  follows 
power  laws  with  exponents  «  3  at  low  stress  and  «  9  at  high  stresses.  The 
presence  of  precipitates  results  in  a  lowering  of  the  stress  exponent  at 
low  stresses.  The  steady-state  creep  rates  at  600°C  are  significantly  lower 
for  the  T1-8A1  and  Ti-lOAl  alloys  than  for  T1-6A1-4V  (Figure  31). 


Stress  (MPa I 


Strata  (MPa) 


In  (strait) 

OPOWH4-41 

In  (stress) 
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Figure  29.  Effect  of  in  netting  on  the  stress  dependence 
of  steady-state  creep  rate  at  600°C  in  TI-8A1. 

Figure  30.  Effect  of  annealing  on  the  stress  dependence 
of  stsady'etate  creep  rate  at  600°C  in  Ti-IOAL 

Yttrium  does  not  alter  the  creep  rates  in  precipitation-annealed  T1-8A1 

and  Ti-lOAl,  but  in  the  alloys  annealed  in  the  single-phase  a  region,  Y 

Increases  the  creep  rate.  The  activation  energy  for  creep  of  single-phase 

alloys,  AH^,  is  greater  than  that  of  c^-precipitation-annealed 

alloys,  AH  (Figures  32  and  33),  with  both  AH  and  AH  „  being  significantly 
az  cl  clZ 

higher  than  the  activation  energy  for  self  diffusion  of  titanium.  The 
activation  energies  for  creep  of  differently  heat-treated  alloys  are  listed  in 
Table  9. 

The  deformation  substructure  formed  by  creep  at  650°C  in  aged  Ti-8Al- 
0.1Y,  shown  in  Figures  34-37,  consists  of  a  high  density  of  tangled  and 
relatively  homogeneously  distributed  dislocations;  this  substructure  is 
typical  of  Ti-Al  alloys  deformed  at  high  temperatures.  The  activation  energy 
for  cross  slip  is  reduced,  cross  slip  is  easily  activated,  and  deformation  is 
more  homogeneous  at  high  temperatures. 
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Ftjure  31.  Comparison  of  creep  rales  of  Tl-KAI, 
TI-10AI,  aad  TI-6AMV. 
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Figure  33.  Effect  of  annealing  on  the  temperature  dependence  of  steady-state  creep  rate  in 
(a)  Tb8Al  and  (b)  Ti-IOAI  alloys. 


TABLE  9.  ACTIVATION  ENERGIES  FOR  CREEP  OF  TI-8AI-RE  AND 
TM0AI-RE  ALLOYS. 


Heat 

Activation  eneri 

ay  (hJ- 

mol’1) 

treatment 

Ti-BAI 

Ti-8AI-0.1  Y 

Ti-10AI 

Ti-IOA  1-0.1  Y 

980°C/10  min;  air  cool  to  25°C 

392 

385 

375 

- 

980*?C/10  min;  air  cool  to  25°C 
657°C/24  h;  air  cool  to  25°C 

— 

337 

300 

980^C/10  min;  air  cool  to  25°C 
600°C/500  h;  air  cool  to  25°C 

300 

- 

314 

295 

(a) 
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Figure  34.  High-mignification  transmission  electron 
micrograph  of  Ti-lOAl  deformed  in  creep  at  a  stress  of 
404  MPa  at  475  -  650°C  after  annealing  at  980°C  for 
10  min,  air  cooling  to  25°C,  aging  at  600°C  for  500  h, 
and  air  cooling  to  25°C. 
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Figure  35.  Dislocation  substructures  in  Ti-lOAI  deformed 
in  creep  at  a  stress  of  404  MPa  at  475  -  650°C  after 
annealing  at  980°C  for  10  min,  air  cooling  for  25°C,  aging 
at  600°C  for  500  h,  and  air  cooling  to  25°C:  (a)  g  =  (0002) 
and  (b)  g  =  (0110). 


7.  LOW-CYCLE  FATIGUE  OF  T1-8A1-RE  AND  Ti-lOAl-RE 


7.1  Low-Cycle  Fatigue  Characteristics 

The  low-cycle  fatigue  characteristics  of  T1-8A1-RE  and  Ti-lOAl-RE  alloys 
were  measured  as  functions  of  microstructure  and  temperature.  Table  10  lists 
the  heat  treatment  schedules  used  to  obtain  single-phase  alloys  (heat 
treatment  1),  two-phase  alloys  with  fine,  coherent,  Ti^Al  (aj)  precipitates 
(heat  treatment  2),  and  two-phase  alloys  with  coarse,  semicoherent ,  Ti^Al 
precipitates  (heat  treatment  3) . 

The  low-cycle  fatigue  characteristics  of  the  alloys  were  determined  under 
alternate  tension-compression  at  constant  plastic-strain  amplitudes  of 
±  0.125  -  0.5Z.  The  geometry  of  the  low-cycle  fatigue  specimens  is  shown  in 
Figure  38. 

The  specimens  and  grip  assembly  were  enclosed  in  a  resistance-wound  split 
furnace  and  equilibrated  at  the  test  temperature  for  1  h  prior  to  testing. 
Plastic-strain  amplitude  was  controlled  manually  for  the  first  few  cycles  by 
activating  the  cycling  controls  when  the  desired  tension  and  compression 
strain  limits  were  reached.  The  nominal  strain  rate  was  maintained  at 
~1.36  x  1CT3  s~*  during  the  first  10  cycles,  after  which  the  strain  rate  was 
doubled.  Figure  39  is  a  schematic  of  the  hysteresis  loop  generated  during  the 
alternate  tension-compression  fatigue  testing  of  T1-8A1  alloy  at  600°C  at  a 
plastic  strain  amplitude  ±  0.5Z.  After  the  first  few  cycles,  the  cycling  was 
switched  to  an  automatic  mode.  The  automatic  control  of  the  constant-plastic- 
strain  amplitude  was  obtained  by  activating  the  cyclic  controls  of  the  HTS 
machine  at  the  points  of  peak  loads  along  the  lines  drawn  on  the  chart  paper 


TABLE  10.  HEAT  TREATMENTS  AND  MICROSTRUCTURES  OF  TF8A1-RE  AND 
TS-10A1-RE  ALLOYS  SELECTED  FOR  LOW-CYCLE  FATIGUE  CHARACTERIZATION. 


Hut  twtnwit 

Alloy 

Ti-SAI-RE 

Ti-lOAl-RE 

i 

960°C/30  min/AC 

980°C/30  min/AC 

Single  pham 

■j 

600°C/500  h/AC 

600°C/600  h/AC 

Fine  coherent  0^ 
in  Ti-AI  matrix 

3 

960°C/30  min/AC 
+  860°C/48  h/AC 

980°C/30  min/AC 
+650°C/48  h/AC 

Coarie  temi-coherent 
<*2  precipitate!  in 

Ti-AI  matrix 

AC  *  al r  cool 

OWMfM-tl 
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Dimensions  in  mm 


Figure  38.  Low-cycle  fatigue  specimen. 


passing  through(+  y  n)  and  (-  v  where  y  is  the  desired  strain 

P  >  "  P  *  ”  P 

amplitude,  and  having  slopes  corresponding  to  the  elastic  modulus  of  the 
system.  The  specimens  were  tested  at  several  constant-plastic-strain 
amplitudes  in  the  range  0. 125-0. 5Z,  and  testing  was  continued  until  saturation 
or  final  fracture.  After  the  tests,  the  specimens  were  immediately  fan  cooled 
to  room  temperature  to  minimize  oxidation  of  the  fracture  surfaces  and  post¬ 
fatigue  recovery. 


+  0 


Flfare  39.  SrtiHlr  of  the  hyitcrab  loop  (Merited 

during  the  lltemite  tenaon-compienion  fatigue  tearing 
of  Ti-8A1  alloy  at  600°C  at  a  plastic  strain  amplitude 
of  ±0.5*. 


The  low-cycle  fatigue  behavior  of  differently  heat-treated  T1-8A1-RE  and 
T1-10A1-RE  alloys  is  shown  in  Figures  40-42.  When  the  stress  axis  is  parallel 
to  the  rolling  direction  (longitudinal  orientation),  the  T1-8A1-RE  and  Ti- 
10A1-RE  alloys  have  longer  fatigue  life  than  the  control  alloys. 

The  effects  of  annealing  treatments  on  the  low-cycle  fatigue  behavior  of 
T1-10A1  and  T1-10A1-0.1Y  alloys,  shown  in  Figures  43a  and  43b,  indicate  that 
the  coherent  precipitates  increase  saturation  and  fracture  stresses  and 
produce  fatigue  softening.  The  alloys  annealed  at  980°C  do  not  exhibit 
appreciable  change  in  peak  stress  with  increasing  number  of  cycles.  The  Y 
dlspersoids  increase  the  fatigue  life  of  T1-10A1  without  appreciably  changing 
the  fatigue-saturation  stress. 

A  striking  feature  of  the  effects  of  temperature  upon  the  low-cycle 
fatigue  behavior  of  T1-8A1  and  Ti-lOAl  alloys,  shown  in  Figures  44a  and  44b, 
is  that  even  at  temperatures  as  high  as  600°C,  the  alloys  have  fatigue- 
saturation  stresses  in  excess  of  500  MPa. 
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Figure  40.  Dependence  of  peak  stress  on  the  number  of  cycles  in  the  transverse  orientation  of  (a)  TI-8AI-RE  alloys  deformed 
in  fatigue  at  500°C  at  a  plastic  strain  amplitude  of  0.5%  and  (b)  Ti-lOAl-RE  alloys  deformed  in  fatigue  at  25°C  at  a  plastic 
strain  amplitude  of  ±0.5%. 


(al  Cumulative  plastic  strain 


lb)  Cumulative  plastic  strain 

0  1  2  3  4  5 

- 1 - T  T  I 

—  —  —  Ti-IOAI 

~  - Ti-IOAI-O.IOY 

- Ti-10AI-0.20Er 

—  - TM0AI-O.5OY  “ 


0  100  200  300 

Number  of  cycles 


J _ I 

400  500 

Qpoaoasaao 


(cl 

Cumulative  plastic  strain 


Figure  41.  Dependence  of  peels  Mien  on  the  number  of 
cycles  in  the  longitudinal  orientation  of  Tl-lOAI-RE  alloys 
deformed  In  alternate  tension -compression  at  MOT  and 
at  a  plastic  Mraln  amplitude  of  ± 0.5%:  (a)  heal 
treatment  no.  1,  (b)  heal  treatment  no.  I,  and 
(c)  bent  treatment  no.  3. 
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Figure  42,  Dependence  of  peak  stress  on  the  number  of  cycles  in  the  tranaverae  orientation  of  TM0A1-RE  alloys  deformed 
in  alternate  temkm-cosnpression  fatigue  at  500°C  at  a  plastic  strain  amplitude  of  ±(kS%:  (a)  heat  treatment  no.  1  and 
(b)  heat  treatment  no.  2. 
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Figure  43.  Effect  of  heat  treatment  on  the  low-cycle  fatigue  behavior  of  (a)  TI-10AJ  and  (b)  H-IOAl-Ol.Y  deformed  in 
alternate  tension-compression  fatigue  at  S00°C  at  a  plastic  strain  amplitude  of  ±0.5%. 
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Figure  44.  Low-cyde  fatigue  behavior  as  a  function  of  temperature  in  the  longitudinal  orientation  for  (a)  TI-8AJ  (heat  treatment 
no.  3)  and  (b)  Ti-10AI  (heat  treatment  no.  2)  deformed  in  alternate  tenrion-comprearion  at  a  piastre  strain  of  ±0.5%. 
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7.2  Fracture  Morphologies  and  Deformation  Substructures 


The  fracture  surfaces  of  T1-8A1  and  T1-8A1-0.1Y  specimens  failed  in 
fatigue  at  500°C  are  shown  in  Figures  45  and  46,  respectively.  The  fatigue 
fracture  of  Ti-8A1  is  characterized  by  extensive  transgranular  cleavage  as 
indicated  by  a  high  density  of  river  patterns,  which  are  characteristic  of 
this  type  of  fracture.  Several  secondary  cracks  are  distributed  in  the 
interior  of  the  grains  (as  at  A  in  Figure  45),  and  some  intergranular  fracture 
is  also  indicated.  Fatigue  striatlons,  which  are  related  to  the  number  of 
cycles  for  fatigue  crack  propagation,  are  few  in  number,  indicating  that  crack 
nucleation  is  the  critical  event  in  controlling  the  fatigue  life  in  these 
alloys.  The  fracture  surface  of  T1-8A1-0.1Y  alloy  has  a  mixed  dimple-cleavage 
appearance  (Figure  46),  with  each  dimple  containing  a  dispersoid.  The  longer 
fatigue  lives  observed  in  Y-  and  Er-containing  alloys  thus  result  from  crack 
propagation  by  microvoid  nucleation  and  growth. 

The  deformation  substructures  in  Ti-Al  specimens  deformed  in  alternating 
tension-compression  at  25°C  and  500°C  are  shown  in  Figures  47-52.  T1-8A1 

specimens  deformed  at  25°C  contain  planar  bands  of  dislocations  of 
predominantly  a/3  <1120>  Burgers  vector.  High  densities  of  dislocation 
dipoles,  jogged  segments,  and  primatic  loops  occur  between  the  bands.  In  the 
T1-8A1-0.1Y  alloy,  two  distinct  types  of  dislocation  distribution  are 
observed.  The  regions  depleted  of  rare-earth  dispersoids  contain  planar  bands 
as  shown  in  Figure  48a,  and  in  regions  containing  the  dispersoids,  the 
dislocations  are  distributed  more  homogeneously  (Figure  48b) . 

In  specimens  fatigued  at  500°C,  the  planarity  of  dislocations  is 
considerably  reduced  because  of  increased  thermally  activated  cross-slip  and 
climb.  The  tendency  for  planar  slip  is  more  pronounced  in  specimens 
containing  precipitates,  and  planar  slip  bands  formed  by  the  shearing  of 
aj  precipitates  are  observed  at  temperatures  as  high  as  500°C.  The  shearing 
of  a2  precipitates  also  results  in  a  continuous  dissolution  of  the 
precipitates  and  consequently  a  decrease  in  flow  stress  with  increasing  number 
of  cycles. 


40 


K;  v, f 

■ 

'"'i  \ ' 

'  <  V 

\  r 

■ 

V'  •'  - 

■  ;V 


*7* 


*WTc 
«  m 


•aft 


«r 


/ 


OP03-MM-70 


Figure  45.  Fracture  morphologies  of  Ti-8AI  alloy  fractured 
in  alternate  tension-compression  fatigue:  (a)  Ti-8AI  (heat 
treatment  no.  1 )  fatigued  at  500 °C  at  a  plastic  strain 
amplitude  of  ±0.75%:  (b)  and  (c)  Ti-8AI  (heat  treatment 
no.  2)  fatigued  at  500°C  at  a  plastic  strain  amplitude 
of  ±0.5%. 
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Figure  46.  Fracture  morphology  of  Ti-8AI-0.1Y  (heat 
treatment  no.  1)  fractured  in  alternate  tension- 
compression  at  500°C  at  a  plastic  strain  amplitude 
of  ±0.66%. 
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Figure  48.  Dislocation  substructures  in  Ti-8AI-0.1  Y  (heat 
treatment  no.  1)  deformed  in  alternate  compression  at  25°C 
at  a  plastic  strain  amplitude  of  ± 0.6691. 
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Figure  47.  Dislocation  substructures  in  single-phase  Ti-8AI 
(heat  treatment  no.  I)  deformed  in  alternate  tension- 
compression  at  500°C  at  a  plastic  strain  amplitude  of  ±  0.75%. 
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Figure  49.  Dislocation  substructures  in  Ti-8A1  (heat 
treatment  no.  2)  deformed  in  alternate  tension-compression 
at  500°C  at  a  plastic  strain  amplitude  of  ±0.5%. 
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Figure  50.  Deformation  substructure  in  Ti-8A1  (heat 
treatment  no.  2)  deformed  in  alternate  tension-compression 
at  500°C  at  a  plastic  strain  amplitude  of  ±0.75%. 


Figure  SI.  Deformation  substructures  in  Ti-8AI-0.2F.r 
containing  fine  coherent  a  j  precipitates  (beat  treatment 
no.  2)  deformed  in  alternate  tension-compression  at 
S00°C  at  a  plastic  strain  amplitude  of  ± 0.591. 
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Figure  52.  Transmission  of  electron  micrograph  of  precipitate/ 
slip-band  interactions  in  Ti-8Al-0.2Er  deformed  in  alternate 
tension-compression  fatigue  at  500°C  at  a  plastic  strain 
amplitude  of  ±0.5%. 


8.  FRACTURE  TOUGHNESS  OF  T1-8A1-RE  AND  Ti-lOAl-RE  ALLOYS 


The  plane-strain  fracture  toughness,  Kjc,  in  the  TL  orientation  was 
determined  in  accordance  with  ASTM  Standard  E399-74  for  the  Ti-8A1-RE  alloys 
heat  crea.ed  according  to  schedules  shown  in  Table  10,  and  the  results  are 
summarize o  in  Table  11.  The  dimensions  of  compact-tension  specimens  used  for 
the  study  are  shown  in  Figure  53.  The  T1-8A1  alloy  aged  at  600°C  and 
containing  02  precipitates  has  significantly  lower  fracture  toughness  than  the 
single-phase  alloy.  The  Y  and  Er  additions  result  in  a  significant 
improvement  in  the  fracture  toughness  of  a 2-precipitation-strengthened  T1-8A1 
in  the  TL  orientation. 


TABLE  If.  PLANE-STRAIN  FRACTURE  TOUGHNESS  (K,c>  VALVES  OF  Ti-SAJ-RE  ALLOYS. 


PlanMtrain  fracture  tough  nan,  Kjc  (MPa  '/ml 

Haat  treatment  *  '  ™“  ~~ "  ” 

Ti-BAI  Ti-8AI-0.06Y  TI-8AI-0.1Y  Ti-8AI-0.2Er 

L  T _ L _ T  L _ T  L _ T 

600°C/500  h/AC  to  2S°C  25.2  44.3  45.0  48.4  39.3  43.9  -  42.0 

950°C/30  min/AC  to  25°C  45.6  49.9  43.4  50.7  47.6  49.9  46.8  49.2 

+  650°C/48  h/AC  to  25°C 

950°C/30  min/AC  to  25°C  41 .4 


65.6 


56.6 


9.  CONCLUSIONS 


Additions  of  up  to  0.1  wt%  Y  and  0.2  wt%  Er  to  Ti-8A1  and  Ti-lOAl  result 
in  50-200  nm  diameter  incoherent  dispersoids.  Higher  amounts  of  Y  and  Er 
additions  produce  coarse  1-5  pm  diameter  particles. 

The  rare-earth-modified  Ti-8A1  alloys  have  considerably  greater  room- 
temperature  ductility  than  standard  Ti-8A1.  The  increased  ductility  arises 
from  reduced  planarity  of  slip  resulting  from  interstitial-oxygen  scavenging 
and  dispersal  of  planar  slip  by  the  incoherent  dispersoids. 

Whereas  the  tensile  and  fatigue  fractures  in  precipitation-strengthened 
Ti-8A1  and  Ti-lOAl  alloys  occur  predominantly  by  cleavage,  fracture  occurs  by 
mixed  cleavage  and  microvoid-coalescence  in  the  Er-  and  Y-containing  Ti-8A1 
alloys. 

The  creep  rates  at  400-600°C  are  significantly  lower  in  T1-8A1  and 
Ti-lOAl  alloys  than  in  T1-6A1-4V.  The  presence  of  02  reduces  the  creep  rates 
in  Ti-8A1  and  Ti-lOAl  alloys,  but  the  Y  and  Er  additions  do  not  alter  the 
creep  rates,  stress  exponents,  and  activation  energies.  The  coherent  «2 
precipitates  increase  the  saturation  and  fracture  stresses,  produce  fatigue 
softening,  and  reduce  the  low-cycle  fatigue  life  of  T1-8A1  and  Ti-lOAl  alloys, 
but  the  Er  and  Y  additions  increase  the  low-cycle  fatigue  life.  The  Y  and  Er 
additions  increase  the  plane-strain  fracture  toughness  in  the  TL  orientation 
of  02-precipitation-strengthened  T1-8A1. 
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